1. Introduction {#sec1}
===============

Ultrahigh-molecular-weight polyethylene (UHMWPE) is a well-known polyethylene grade possessing excellent mechanical properties including a high toughness, high abrasion, and wear resistances as well as excellent friction characteristics compared to any other polymer materials. Owing to that, UHMWPE has been used successfully as a bearing material in total joint replacement prostheses for over 50 years.^[@ref1]^

Because of the high molar mass, UHMWPE cannot be processed *via* conventional techniques such as extrusion or injection molding. Products based on UHMWPE are manufactured mainly by machining from semifinished sheets, rods, and plates that have been obtained by sintering, compression molding, or ram extrusion of UHMWPE nascent powders. For good material performance, the powder particles should be well fused. This, however, is extremely difficult and appears to be a major problem because of low mobility of extremely long macromolecules to diffuse across grains' interfaces during fusion. Bonding in melt-processed UHMWPE rarely reaches the stage at which all traces of grain boundaries have been completely eliminated. In high-performance applications, such as hip joint replacement, improper or insufficient fusion of the submicron size UHMWPE powder particles is, however, considered to be one of the main reasons for formation of debris that can lead further to inflammation and osteolysis, see, for example, refs ([@ref2]) and ([@ref3]), whereas in the knee-joint prosthesis, the grain boundaries appear to be the weak zones, leading to delamination, see, for example, ref ([@ref4]).

Various ways were explored to improve the fusion of UHMWPE reactor powder grains. The most successful way was through the hexagonal phase at high pressure and temperature (annealing at 1.2 kbar and 205 °C, followed by conventional melting/recrystallization).^[@ref5],[@ref6]^ Materials processed in this way demonstrate a much more homogeneous structure than those conventionally processed, where grain boundaries practically are no longer observed. Unfortunately, such processing was never employed on an industrial/commercial scale. Attention has also been paid to the phenomenon called "explosive melting" as it may occur during UHMWPE sintering. "Explosive melting" of polyethylene single crystals was described by Barham and Sadler^[@ref7]^ with a brief molecular model proposed later by de Gennes.^[@ref8]^ Explosive melting of crystals in particles of the nascent powder during their sintering was, in fact, proven by Deplancke *et al.*([@ref9],[@ref10]) to play a significant role in improving the fusion across grain interfaces.

Considering the difficulties encountered in achieving strong interparticle bonding in melt-processed UHMWPE, as well as in testing for properties and weaknesses, the members of IUPAC Subcommittee 4.2.1 (Structure and Properties of Commercial Polymers) initiated the present investigation. The aim was to assess the structure and mechanical properties of UHMWPE semifinished sheets, rods, or plates. Furthermore, the survey of current methods of quality assurance and quality control for UHMWPE products was of great interest. If possible, recommendation for improving both detection of defects and reducing their damaging effects in orthopedic joint implants were also desirable. This paper is the result of that initiative. The Members of the IUPAC Subcommittee who participated in UHMWPE project and during the preparation of this paper (2016--19) are listed in the Acknowledgments.

The wear performance of UHMWPE has been related also to its plastic deformation behavior, governing the rate of generation of wear particles^[@ref11]^ in addition to the structural defects as fusion defects, mentioned above. Microscopic deformation is generally thought to be a precursor to wear on the articular surface of components.^[@ref12]^ In acetabular components, the generation of submicron wear particles has been associated with the local accumulation of plastic strain under multiaxial loading conditions until a critical or ultimate strain has been reached.^[@ref13]^ In tibial components, the fatigue and fracture mechanisms have been directly related to the plastic flow parameters of UHMWPE, such as the yield stress and ultimate stress. The microscopic plastic flow behavior, especially in the presence of structural defects, for example, remnants of intergrain boundaries, is considered to play an important role in the clinical performance of UHMWPE components.^[@ref14]^

A large number of experimental studies of plastic deformation in polyethylene have been reviewed thoroughly (see, for example, refs ([@ref15]−[@ref20])). Because of the complex, multilevel structure of semicrystalline polymers, their deformation appears generally also a complex and multistage process, in which both the crystalline phase and the associated amorphous phase are involved. At the microscopic level, the basic micromechanisms of deformation of crystals and the amorphous phase are considered. The mesoscopic level can include bending, rotations, translations and fragmentation or other structural rearrangements of lamellar stacks, formation of shear bands, deformation of entire spherulites, and so forth.^[@ref16],[@ref17]^ Various deformation micromechanisms can operate together or compete with each other, affecting each other's response.

Plastic deformation is considered as a sequence of continuous processes, involving primarily the crystallographic deformation mechanisms, like the crystallographic slip. A very important supporting role in that sequence is played by the deformation of amorphous interlamellar layers, primarily interlamellar shear, partially reversible on unloading.

The overall deformation of the assembly of crystalline lamellae and associated amorphous components has been captured by experimental studies and modeling.^[@ref21]−[@ref31]^ The overwhelming evidence accumulated is that the crystalline lamellae of PE deform plastically by the generation and motion of dislocations. The rate-controlling process is the repeated emission of dislocation from lamellar edges under stress and moving fast across the slip plane and leaving quickly the lamellae on the other side, which requires the generation to be repeated continuously.

Hence, the plastic deformation of polyethylene crystals is crystallographic in nature^[@ref26],[@ref27]^ and takes place without destruction of the crystalline order. As a consequence, the evolution of the crystalline texture observed upon deformation is a continuous process resulting from active crystallographic slip systems, interlamellar shear, and associated crystal rotations.^[@ref16],[@ref17],[@ref32]^ The yield point indicates the transition from elastic to plastic behavior and it is the onset of cooperative activity of the crystallographic slip mechanism.^[@ref33]^ The yield stress is then directly related to the critical resolved shear stress of the easiest slip system active in the material. The yield stress was observed in many polymers to increase with increasing crystal thickness. This relation was studied in detail^[@ref34]−[@ref36]^ using polyethylene samples exhibiting lamellae with the thickness up to 170 nm.

It has been shown that the true stress--true strain curve provides useful information about the yielding behavior, the true rate of strain hardening, and the stress-induced transformations of crystalline texture, much better than the conventional stress--strain curve.^[@ref22],[@ref25],[@ref37]−[@ref39]^ Therefore, when characterizing the mechanical behavior of UHMWPE, especially at large deformations, it is useful to obtain the true stress--true strain data from the experiment. In addition to the shape of the true stress--true strain curve, the yielding and ultimate behavior of UHMWPE are of considerable theoretical and practical importance. They are also relevant to the theoretical development of micromechanical wear and fracture models as well as to the development of finite element models to predict accurately the multiaxial stress state, including increased equivalent von Mises stresses, in the cup of the hip or knee joint replacement (see, for example, refs ([@ref1]) and ([@ref40])).

Most of the previous studies of the mechanical properties and deformation-related structural changes of semicrystalline polymers, including PE, were performed in a tensile mode, guided by obvious technological incentive to explain processes associated with orientation by drawing. However, the compression deformation seems to be more fundamental as it avoids cavitation and voiding, which are usual, yet unwanted, side effects of tensile deformation. Second, as tensile deformation is most frequently inhomogeneous (necking) determination of the true stress--true strain curve from tensile data, it is difficult and requires additional monitoring and measuring of the sample sizes during tensile experiment. In contrast, determination of the true stress--true strain curves in compression is much easier, especially almost straightforward in the plane-strain compression mode. Furthermore, in the case of UHMWPE with imperfectly fused grains, deformation by compression should be preferred because the compressive stress components mostly act on UHMWPE implants and prevent premature sample damage on poorly fused grain boundaries, which can easily happen under tension.

Therefore, the plane-strain compression was chosen as a deformation mode because of its advantages over other deformation modes, primarily its homogeneity and inhibition of any side effects, for example, cavitation. Moreover, maintaining the constant true strain rate during the test and determination of the true stress--true strain curve are relatively easy in the plane-strain compression.^[@ref39],[@ref41],[@ref42]^

2. Experimental Section {#sec2}
=======================

2.1. Materials and Sample Preparation {#sec2.1}
-------------------------------------

Large batches of two grades of UHMWPE, with *M*~v~ ≈ 5 and 9 MDa and for comparison one grade of linear high density polyethylene with *M*~v~ ≈ 0.6 MDa, were prepared exclusively for this project by industrial partner Celanese Engineered Materials (formerly Ticona) using Ziegler--Natta catalysts. These grades are identified in this article by the code names UHMWPE 5, UHMWPE 9, and HDPE 06. Unless otherwise stated, all results presented in this report were obtained from tests on compression moldings made by the manufacturer under standardized processing conditions. Materials were supplied to project participants as disk plaques approx. 136 mm in diameter and 25 mm thick obtained by compression molding. The mold was filled with polymer powder and compressed to 50 bar (25 bar for the HDPE06) and heated up to 210 °C (180 °C for HDPE06) under pressure for at least 1 h. Cooling down was performed under pressure (100 bar for UHMWPEs, 50 bar for HDPE06) for at least 30 min, after which the disks were removed from the mold. These samples were prepared simply from the plain reactor powder with no additives. In that respect, these raw materials tested in this work were different from standard commercial grades of UHMWPE.

From the disks, the rectangular specimens designed for mechanical measurements---plane strain compression tests using a channel die---were machined out. Ethyl alcohol was used as a coolant of the tool and machined material in order to prevent any thermal modification of the machined surfaces. The cut specimens designed for channel die compression were 50 mm long, 20 mm high, and 3.85 mm thick. The specimen length was equal to the length of the channel of the channel-die compression fixture, while the thickness matched very tightly the width of the channel. The intended compression direction (LD) was along the sample height (20 mm). Specimens with two orientations with respect to the axis of the compression-molded cylinder were prepared: (1) LD parallel to the extrusion direction (i.e., to the cylinder axis), (2) LD along the radial direction of the cylinder, that is, perpendicular to the extrusion direction. The specimens were coded with the letters **Ax** (axis) and **Rad** (radial), respectively. [Figure [1](#fig1){ref-type="fig"}](#fig1){ref-type="fig"} illustrates the shape and orientation of the specimens with respect to the direction of the compression molding and intended compression in a channel-die.

![Samples prepared for compression experiments from compression-molded cylinders: (a) specimen dimensions (in mm); (b) orientation of **Ax**- and **Rad**-samples with respect to the cylinder axis (D.A.) and radius (D.R.) of the compression-molded cylinder; and (c) directions of the axes of two coordinate systems used in this paper, related to the material (compression-molded cylinder) and to the process (plane-strain compression) in **Ax**-s and **Rad**-samples. LD, CD, and FD denote the loading, constrained, and flow directions in a channel-die, respectively.](ma9b02154_0001){#fig1}

2.2. Characterization {#sec2.2}
---------------------

### 2.2.1. Small-Angle X-ray Scattering {#sec2.2.1}

The lamellar structure of samples was probed with two-dimensional small-angle X-ray scattering (2-D SAXS). A Kiessig-type camera with a sample-to-detector distance of 1.2 m was coupled to a X-ray Cu Kα low divergence microsource, operating at 50 kV and 1 mA (sealed-tube microsource integrated with multilayer collimation optics, producing a highly collimated beam with a divergence of 0.8 × 0.8 mrad^2^; GeniX Cu-LD by Xenocs, France). The collimation optics was combined with two additional hybrid scatter-less slit systems (Xenocs) placed between the multilayer optics and the sample stage, forming the beam of the square cross-section. The two slit assemblies were separated by 1200 mm. The scattering produced by the sample was recorded with the Pilatus 100K solid-state area detector of the resolution of 172 × 172 μm^2^ (Dectris, Switzerland). One of the parameters describing the morphology of semicrystalline polymers is the so-called long period (LP). LP characterizes the parallel packing of lamellae that are interspersed with rather uniform amorphous layers, it describes the spatial periodicity of lamellar/amorphous layers' regular packing and gives rise to a distinct X-ray scattering. The LP of nonoriented samples was determined from one-dimensional sections (background and Lorentz corrected) of 2-D patterns using Bragg's law.

Nondeformed samples of each polymer studied were probed with 2D-SAXS in 2 orthogonal directions: with the X-ray beam along the compression-molding direction (disk axis, D.A.) and along disk radius (D.R.). For this purpose, the 1 mm thick specimens taken from the **Rad**- and **Ax**-samples were used for this experiment, respectively. The deformed samples were examined with the X-ray illumination along the constrained direction (CD).

### 2.2.2. Scanning Electron Microscopy {#sec2.2.2}

The specimens for microscopic observations were prepared by permanganic etching according to the procedure developed originally by Olley *et al.*([@ref43]) Typically, samples were etched for 1 h at room temperature in the mixture containing 1 wt % of KMnO~4~, dissolved in a 1:1 v/v mixture of concentrated sulfuric and phosphoric acid. Details of the procedure are given in.^[@ref44]^ The etched samples, coated with 20 nm thick gold layer, were examined with a scanning electron microscope JEOL JSM-6010 LA (JEOL, Japan).

### 2.2.3. Differential Scanning Calorimetry {#sec2.2.3}

Thermal analysis of the PE samples was conducted using a differential scanning calorimeter (TA Instruments Q20 (Thermal Analysis, USA)). The melting thermograms were recorded during heating from 0 to 200 °C with a rate of 10 °C/min, under nitrogen flow. The differential scanning calorimetry (DSC) apparatus was indium calibrated. The samples were 7.1 ± 0.1 mg in weight in the form of 0.2 mm thick sections. Tightly sealed TA Instr. aluminum pans were used. The equilibrium melting temperature *T*~m~^o^ was determined for HDPE using the Hoffman--Weeks method on a similar DSC apparatus applying identical TA Instrument aluminum pans. Hence, the existing thermal lags in determination of melting temperatures of samples and in equilibrium melting temperature were very similar. When the undercooling is determined: *T*~m~^o^ -- *T*~m~, these thermal lags cancel themselves. The weight crystallinity *X*~c~ was estimated on the basis of heat of melting of the samplewhere Δ*h*~f~ is the heat of melting of the sample determined from the DSC melting curve and Δ*h*~f100~ = 293 J/g^[@ref45]^ is the heat of melting of 100% crystalline PE.

2.3. Compression Tests {#sec2.3}
----------------------

Plane-strain compression tests were performed using the loading frame of an universal tensile testing machine (Instron, model 5582, controlled by the Bluehill II software) and a compression fixture of the type of deep channel-die (channel length of 50 mm, width of 3.85 mm, and depth of 60 mm) made of steel, equipped with a LVDT transducer, mounted close to the specimen for precise strain determination. The channel-die tool is shown schematically in [Figure [2](#fig2){ref-type="fig"}](#fig2){ref-type="fig"}. The specimen filled the full length of the channel and fitted precisely its width. Sample surfaces contacting the walls of the die and the plunger were lubricated to minimize friction. Other details are given in ref ([@ref42]).

![Schematic drawing of the channel-die tool used for plane-strain compression. The compressed sample is marked gray. LD, CD, and FD denote the loading direction, constrained direction, and flow direction, respectively. Dimensions were given in millimeters. The sketch at the bottom illustrates the orientation of the **Ax**- and **Rad** samples with respect to the channel-die.](ma9b02154_0006){#fig2}

Deformation experiments were performed at room temperature with the constant true strain rate of *ė* = 0.001 s^--1^ controlled using the software of the testing machine (the current speed of the crosshead was adjusted continuously to the actual specimen height to maintain the constant true strain rate). The strain was determined as the true strain calculated from the reduction of the specimen height (along the loading direction) using the following equation (Hencky measure of strain)where *h*~o~ denotes the initial height of the specimen, *h* = *h*~o~ -- Δ*h* represents its actual height (Δ*h* is the measured displacement of the plunger), and λ = CR = *h*~o~/*h* is the compression ratio. As the area of the sample under load in a channel-die is always constant and equal to the cross-section of the plunger, the true stress was calculated from the measured force, *F*, and the surface area of the plunger, *A*.

3. Results {#sec3}
==========

Thermograms of melting of the samples recorded on heating at a rate of 10 °C/min are presented in [Figure [3](#fig3){ref-type="fig"}](#fig3){ref-type="fig"}. The melting peaks for both UHMWPEs (the maxima at ∼133.6 and ∼134.1 °C for UHMWPE 5 and UHMWPE 9, respectively) are at slightly lower temperature than the peak of HDPE 06 (*T*~m~ ∼ 136.0 °C).

![Melting thermograms of UHMWPEs and HDPE. The contribution from thermal capacities of the samples was subtracted from the DSC signal regarding the change in crystallinity degree during melting. The inset illustrates very small differences in melting enthalpy flux for all three polyethylenes in the range of melting of small crystals.](ma9b02154_0007){#fig3}

These data can indicate that HDPE is characterized by thicker crystals that melt at higher temperature than the crystals in both UHMWPEs. On the other hand, all these melting temperatures are notably higher than those usually observed in polyethylenes processed by conventional methods, for example, compression or injection molding. That is because in the compression-molding process employed here, a polymer crystallizes slowly at relatively low undercooling and can thus form thicker lamellae compared to other processing techniques.

In principle, melting data can be converted to the crystal thickness. One possibility is by using the Gibbs--Thomson approach and equation, which reflects the dependence of the surface-to-volume ratio of the crystal and presents the melting temperature as a function of the reciprocal lamellar thickness.^[@ref46]^ This representation implicitly assumes that the lateral size of crystalline lamellae is much larger than the lamellar thickness. Therefore, a linear extrapolation to an infinitely thick lamellar crystal yields the value of *T*~m~^o^.^[@ref47]−[@ref50]^ The melting temperature of lamellar crystals with lateral sizes *a* and *b* and thickness *l* according to the Gibbs--Thomson equation iswhere σ is the surface free energy, σ~e~ is the end surface free energy, and Δ*h* is the heat of fusion.^[@ref51]^ In polymers, usually *a* ≫ *l*, *b* ≫ *l*, and σ~e~ is the surface free energy of the basal plane of crystalline lamellae, so the above equation can be written in a simpler formor

It means that the DSC melting data can be transformed into crystal thickness using the [formula [4](#eq4){ref-type="disp-formula"}](#eq4){ref-type="disp-formula"} or [5](#eq5){ref-type="disp-formula"} ascribing the heat flow to the amount of crystals melting at the momentary temperature *T*~m~. The following data for polyethylene crystals were assumed in calculations: σ~e~ = 9 × 10^--6^ J/cm^2^,^[@ref52]^ Δ*h*~f~ = 293 J/cm^3^,^[@ref45]^ and *T*~m~^o^ = 145.1 °C.^[@ref50]^

Usually, a single value of the crystal thickness is calculated with [eq [5](#eq5){ref-type="disp-formula"}](#eq5){ref-type="disp-formula"} substituting the measured peak maximum temperature for *T*~m~. The obtained value of *l* is considered then as the average thickness, which of course, is only a crude approximation. The average thickness calculated in this way for the studied polyethylenes was: *l*~c~^′^ = 22.4, 23.3, and 28.1 nm, for UHMWPE 5, UHMWPE 9, and HDPE 06, respectively. However, determination of the real average value requires a more sophisticated approach. The formally correct transformation of melting enthalpy distribution into the distribution of the crystal thickness was derived by Crist and Mirabella^[@ref53]^ aswhere *G*(*l*) is the weight fraction of crystals having the thickness between *l* and *l* + Δ*l*, *K* is the normalization constant, and *P*(*T*) is the melting enthalpy signal from DSC. The treatment has some peculiar feature that results from hyperbolic dependence of melting temperature on the crystal thickness as described by Thomson--Gibbs [eq [5](#eq5){ref-type="disp-formula"}](#eq5){ref-type="disp-formula"}, for example: a fraction of crystals with the thickness between 20 and 21 nm melts in a narrow temperature interval from 132.25 to 132.86 °C, whereas a similar amount of crystals with the thickness in the range between 4 and 5 nm melts in a wide temperature interval from 80.86 to 93.71 °C. It then appears that the heat flow signal in DSC during heating with a constant rate is very low for melting of small crystals as compared to the heat flow recorded during melting of the same amount of large crystals (more than 20-folds lower!). It appears that because of this effect, the smallest crystals often escape the detection in routine DSC examination because the heat flux for melting of small crystals could be very low, at the noise level. The heating rate alteration during the scan may compensate this effect, however, it would make the DSC experiment more difficult.

The results of recalculation of the DSC melting peak data to the distribution of the crystal thickness by means of [eqs [5](#eq5){ref-type="disp-formula"}](#eq5){ref-type="disp-formula"} and [6](#eq6){ref-type="disp-formula"} are presented in [Figure [4](#fig4){ref-type="fig"}](#fig4){ref-type="fig"}. The results for the smallest crystals are based on the very low DSC signal recorded at low temperatures (related to very low heat flux upon melting of thin crystals, as discussed above). Actually, it turned out that the fraction of crystals smaller than approx. 9--10 nm estimated using [eq [6](#eq6){ref-type="disp-formula"}](#eq6){ref-type="disp-formula"} from their melting region (*T*~m~ \< 116--119 °C) appeared very sensitive to even small differences between the heat flow signal from the PE sample and the noise, which led to an irrational distribution of the crystal thickness. Therefore, on the basis of very similar melting characteristics of all samples in the low temperature range (see the inset in [Figure [3](#fig3){ref-type="fig"}](#fig3){ref-type="fig"}), we consider that the content of crystals thinner than approx. 9--10 nm in all three polyethylenes studied here is similar.

![Weight distribution of the crystal thickness in UHMWPEs and HDPE as calculated from DSC melting enthalpy based on the Gibbs--Thomson approach to melting---[eqs [5](#eq5){ref-type="disp-formula"}](#eq5){ref-type="disp-formula"} and [6](#eq6){ref-type="disp-formula"}. The contribution from thermal capacity was subtracted from the DSC signal regarding the change in crystallinity degree during melting.](ma9b02154_0008){#fig4}

It appeared then that also in the range from 10 to 23 nm, the thickness distribution curves for all three polyethylenes were at a similar level, which demonstrates that both UHMWPEs and HDPE 06 contain very similar amounts of crystals of the thickness within that range, as can be seen in [Figure [4](#fig4){ref-type="fig"}](#fig4){ref-type="fig"}. The distributions obtained for all samples demonstrate distinct maxima in this size range, located at 16.4 nm in HDPE 06, 19.3 nm in UHMWPE 5, and 20.1 nm in UHMWPE 9. However, the right side of the distribution, reflecting thicker crystals, is dramatically different for UHMWPEs and HDPE: HDPE shows a much broader distribution with a significantly larger fraction of lamellar crystals, 23 nm thicker than those seen in the UHMWPE samples, both of which demonstrate a similar crystal size distribution in this range. Accordingly, the mean crystal size determined from the whole distribution is significantly larger in HDPE 06---*l*~c~ = 22.5 nm than in UHMWPEs: *l*~c~ = 18.3 and 18.6 nm in UHMWPE 5 and UHMWPE 9, respectively.

Independent information on the crystal thickness can be obtained from SAXS. For this purpose, the LP was determined from the SAXS results. The exemplary Lorentz-corrected 1-D SAXS curves are presented in [Figure [5](#fig5){ref-type="fig"}](#fig5){ref-type="fig"}. Each curve exhibited a clear main maximum and a very weak second maximum at the shoulder of the main peak. From the position of that main maximum, the LP was calculated using Bragg's law, as described in the [Experimental Section](#sec2){ref-type="other"}. The value of LP = 34.6 nm was obtained for HDPE 06, whereas LP = 40.6 nm for UHMWPE 5 and 43.6 nm for UHMWPE 9. Similar values of LP were obtained from the electron density correlation functions, which were calculated from the data of [Figure [5](#fig5){ref-type="fig"}](#fig5){ref-type="fig"}. The average thickness of amorphous layers *l*~a~ can be determined from the mean lamellae thickness *l*~c~ and the linear crystallinity *X*~1~, obtained from the DSC-based weight crystallinity *X*~c~ as described using [eqs [7](#eq7){ref-type="disp-formula"}](#eq7){ref-type="disp-formula"} and [8](#eq8){ref-type="disp-formula"}where

![Lorentz-corrected 1-D SAXS profiles derived from the linear sections of 2-D images of HDPE and UHMWPE nondeformed samples, sliced perpendicular to the D.A. and illuminated with X-ray along the axial direction.](ma9b02154_0009){#fig5}

The density of PE crystals ρ~c~ = 1.0 g/cm^3[@ref54]^ and density of amorphous phase ρ~a~ = 0.855 g/cm^3[@ref55]^ were assumed in calculations. Similar calculations were carried out using the lamellar thickness estimated from the position of the maximum of the melting peak *l*~c~^′^ instead of *l*~c~ to obtain another estimate of amorphous thickness *l*~a~^′^. The sum of *l*~c~ + *l*~a~ or *l*~c~^′^ + *l*~a~^′^ gave two estimates of the LP~DSC~ for every material studied, which could be compared with LP derived from SAXS. [Table [1](#tbl1){ref-type="other"}](#tbl1){ref-type="other"} summarizes the obtained results. It can be seen that LP~DSC~ = *l*~c~ + *l*~a~, estimated from the DSC data using the mean lamellar thickness (column 6), matches well the LP values determined from the SAXS data (column 8). The agreement is much better than that of *l*~c~^′^ + *l*~a~^′^ and LP (columns 7 and 8, respectively), where the thickness *l*~c~^′^ was obtained from conventional estimation based on the melting peak value. On this basis, it can be concluded that the mean crystal thickness obtained from the crystal thickness distribution should be used here rather than the crystal thickness estimated merely from the melting peak. The second, weak maximum in SAXS curves can be seen at *s* around 0.061--0.066 nm^--1^, thus it is not the second order of the first peak (*s* = 0.023--0.029 nm^--1^). This corresponds to the periodicity of 14.9--16.4 nm. Perhaps, it reflects a small fraction of thinner lamellae, which probably were formed at a late stage of cooling the compression-molded disk, already taken out of the mold.

###### Structural Parameters Derived from the DSC and SAXS Data for UHMWPE and HDPE Samples[a](#t1fn1){ref-type="table-fn"}

  sample     heat of melting \[J/g\]   DSC weight crystallinity, *X*~c~ \[%\]   DSC mean crystal thickness *l*~c~[b](#t1fn2){ref-type="table-fn"}, \[nm\]   crystal thickness estimated from the melting \<keep-together\>peak---*l*~c~^′^[c](#t1fn3){ref-type="table-fn"} \[nm\]\</keep-together\>   *l*~c~ + *l*~a~\[nm\][d](#t1fn4){ref-type="table-fn"}   \<keep-together\>*l*~c~^′^ + *l*~a~^′^\</keep-together\> \[nm\][d](#t1fn4){ref-type="table-fn"}   long period from SAXS \[nm\]
  ---------- ------------------------- ---------------------------------------- --------------------------------------------------------------------------- ----------------------------------------------------------------------------------------------------------------------------------------- ------------------------------------------------------- ------------------------------------------------------------------------------------------------- ------------------------------
  HDPE 06    194.2                     66.3                                     22.46                                                                       28.14                                                                                                                                     35.81                                                   44.84                                                                                             **34.6**
  UHMWPE 5   153.9                     52.5                                     18.27                                                                       22.4                                                                                                                                      37.6                                                    46.1                                                                                              **40.6**
  UHMWPE 9   154.3                     52.7                                     18.61                                                                       23.34                                                                                                                                     38.14                                                   47.8                                                                                              **43.6**

Mean crystal thickness obtained from the crystal thickness distributions in [Figure [4](#fig4){ref-type="fig"}](#fig4){ref-type="fig"}, amorphous layer thickness calculated from the crystallinity degree and the crystal thickness. Assuming PE crystal density 1.0 g/cm^3[@ref54]^ and density of the PE amorphous phase 0.855 g/cm^3^.^[@ref55]^ LP determined from the SAXS images in [Figure [5](#fig5){ref-type="fig"}](#fig5){ref-type="fig"}.

Calculated from the lamellae thickness distribution obtained from the DSC melting curve using [eqs [5](#eq5){ref-type="disp-formula"}](#eq5){ref-type="disp-formula"} and [6](#eq6){ref-type="disp-formula"}.

Calculated from the maximum of the melting peak with [eq [5](#eq5){ref-type="disp-formula"}](#eq5){ref-type="disp-formula"}.

*l*~a~ and *l*~a~^′^ were calculated from *l*~c~ or *l*~c~^′^, respectively, and *X*~c~ using [eqs [7](#eq7){ref-type="disp-formula"}](#eq7){ref-type="disp-formula"} and [8](#eq8){ref-type="disp-formula"}.

The orientation of the lamellar crystals of all three materials was probed with 2-D SAXS in two perpendicular directions, along the cylinder axis or along its radius. This was done using the **Ax**- and **Rad**-samples sliced along the plane perpendicular to the D.A. or to the D.R., respectively, as shown in [Figure [1](#fig1){ref-type="fig"}](#fig1){ref-type="fig"}. [Figure [6](#fig6){ref-type="fig"}](#fig6){ref-type="fig"} presents the 2-D SAXS images of these samples obtained in axial and radial illumination. It can be observed that the HDPE 06 sample shows a nearly identical uniform circular pattern under both sample illuminations, which indicates the lack of any preferred orientation of lamellae in this material. In contrast, both UHMWPE samples exhibit a significant fraction of oriented lamellae stacks with individual lamellae preferentially oriented with their planes parallel to the axis of the compression-molded cylinder (D.A.), which is manifested in a two-point SAXS pattern when the **Ax**-sample is viewed perpendicularly to D.A. The UHMWPE 9 sample displays a similar lamellar orientation, even slightly sharper than UHMWPE 5. SAXS patterns obtained for axial illumination of both UHMWPEs (**Rad**-samples cut out in the plane normal to the D.A. direction and viewed along this axis) have a form of uniform ring, which indicates that there is no preferred lamellae orientation parallel to D.A. in both UHMWPE materials studied, similar to HDPE 06.

![2-D SAXS patterns of HDPE 06, UHMWPE 5, and UHMWPE 9 samples obtained for illumination with the X-ray beam along the D.R. direction (**Ax**-samples) and along D.A. (**Rad**-sample). The coordinates shown at the bottom indicate the orientation of the examined specimens with respect to the compression-molded cylinder and the X-ray beam.](ma9b02154_0010){#fig6}

[Figure [7](#fig7){ref-type="fig"}](#fig7){ref-type="fig"}a,b shows exemplary SEM micrographs of the UHMWPE 5 sample observed along D.R. and D.A. directions, respectively. There are several important facts that can be noticed: (i) the main features are lamellae, (ii) the width and the length of lamellae are in the range of 300--700 nm, lamellae are only a few times (from 3 to 7 times) wider than their mean thickness and a few times longer than their thickness, as it can be judged from two perpendicular sections shown in [Figure [7](#fig7){ref-type="fig"}](#fig7){ref-type="fig"}a,b. It must be remembered that the lamellae were oriented accidentally onto the cutting planes; hence, the lamellae thickness seen in [Figure [7](#fig7){ref-type="fig"}](#fig7){ref-type="fig"} is just projections on the cutting planes. (iii) The prevailing impression is that the lamellae have the form of platelets, not tapes and not fibrils, (iv) there is no well recognizable supermolecular structure such as spherulitic, instead some embryonal stages of spherulite growth can be observed, that is, a nucleation of few lamellae and their radial growth. The radial growth ends in 0.3--0.7 μm. The most striking observation is that there is no evidence of branching and secondary nucleation from these primary lamellae. Several examples of such embryonal spherulites are encircled in [Figure [7](#fig7){ref-type="fig"}](#fig7){ref-type="fig"}a,b. The positions of embryonal spherulites are accidental with respect to the cutting plane, so most of them are cut through their periphery. (vi) Lamellae are not packed in parallel stacks but loosely and randomly arranged and (vii) lamellae seen in [Figure [7](#fig7){ref-type="fig"}](#fig7){ref-type="fig"}a demonstrate some preferred orientation along the D.A. direction (lamella normals parallel to D.R.), while those seen in [Figure [7](#fig7){ref-type="fig"}](#fig7){ref-type="fig"}b are oriented more randomly. That last observations agree with the preferred orientation parallel to the axial direction, deduced from the SAXS patterns.

![SEM images of UHMWPE 5 observed in the plane perpendicular to the D.R. (a) and the plane perpendicular to the D.A. (b). Sample surfaces prepared by microtoming and etched with the permanganic etchant to reveal the crystal shape and packing. Exemplary embryonic spherulites are indicated with red/yellow circles. Inset in the right-lower corner of the micrograph (a) illustrates the distribution of lamellae orientation with respect to the D.A. direction in this micrograph.](ma9b02154_0011){#fig7}

Because lamellae are not arranged in parallel stacks, the determination of LP from SAXS is not justified. It may lead to incorrect values of lamellae thickness and the crystallinity degree.

Primary nucleation is involved in crystallization, however, the lamellae are not able to grow beyond 300--700 nm in width and length, which follow probably from a very high molecular weight and very high viscosity.

Because of the preferred lamellar orientation observed in UHMWPEs, the mechanical behavior was tested in plane strain compression in both radial (D.R.) and axial (D.A.) directions using the **Rad**- and **Ax**-samples (*cf.*[Figure [1](#fig1){ref-type="fig"}](#fig1){ref-type="fig"}). Samples (**Ax**- and **Rad**-) of the studied polymers were subjected to deformation up to high strains (*e* ≈ 1.6, corresponding to the compression ratio λ ≈ 5) at room temperature using a channel-die. The constant true strain rate of *ė* = 0.001 s^--1^ was employed in all experiments. [Figure [8](#fig8){ref-type="fig"}](#fig8){ref-type="fig"} presents the exemplary true stress--true strain curves determined from the experimental load--displacement data. All curves show a similar shape, typical for a semi-crystalline polymer in plane-strain compression, with yielding, plastic flow, and very distinct strain-hardening stage leading to very high stress, reaching 400 MPa or higher, before failure. A decrease in the yield stress, an increase of the slope in the strain-hardening region, and the shift of the onset of strain hardening toward lower strains are observed for increasing molecular weights of polyethylenes: HDPE 06, UHMWPE 5, and UHMWPE 9, respectively.

![True stress--true strain curves obtained by plane strain compression with the constant true compression rate of 6%/min at room temperature, compression along the D.A. (black curve) and along the D.R. (red curve) directions: (a) HDPE 06, (b) UHMWPE 5, and (c) UHMWPE 9. The insets present the initial part of the curves with elastic and yielding regions. The black-dashed lines were drawn in the inset to help to identify the humps related to the second yield in the stress--strain curves of the **Ax**-samples.](ma9b02154_0012){#fig8}

The **Rad**- and **Ax**-samples of HDPE 06, loaded along D.R. and D.A., respectively, practically do not show any difference in the mechanical response at any stage of the deformation ([Figure [8](#fig8){ref-type="fig"}](#fig8){ref-type="fig"}a), which reflects the lack of orientation in this material. In contrast, some slight differences in the mechanical response of **Rad**- and **Ax**-samples can be seen in both UHMWPE grades. These differences can be observed in the range of low strains, near and above the yield point (see the insets in [Figure [8](#fig8){ref-type="fig"}](#fig8){ref-type="fig"}a--c presenting enlarged initial parts of the stress--strain curves), as well as in the range of the highest strains, that is, in a very advanced stage of strain hardening.

The yield point was estimated using the 2% offset method because the compression true stress--true strain curves do not show any maximum in the yielding range. The yield stress of HDPE was found to be higher than that of both UHMWPE materials, whereas it appeared practically independent of the orientation of the specimen. This behavior can be understood easily because the yield point represents the activation of the crystallographic slip mechanisms, controlled by the properties of the crystalline phase, primarily lamellae thickness,^[@ref34],[@ref35]^ which is notably smaller in UHMWPE than in HDPE of much lower molecular weight, *cf.*[Table [1](#tbl1){ref-type="other"}](#tbl1){ref-type="other"}.

Additional feature was observed in the stress--strain curves just above the yield point, especially in the axial samples. It was a small hump (or a very low and broad local maximum), centered around *e* ≈ 0.3---see enlarged curves, displayed in the insets of [Figure [8](#fig8){ref-type="fig"}](#fig8){ref-type="fig"}a--c. Such a hump is usually referred to as the "second yield". Several semicrystalline polymers, including polyethylene, frequently display the double-yielding phenomenon, in which two apparent yield points are observed in the stress--strain curves.^[@ref56]−[@ref62]^ For UHMWPE samples, such a hump is well seen in the **Ax**-samples of UHMWPE 5 and UHMWPE 9, while it can be hardly discerned in curves of UHMWPE 5 **Rad** and UHMWPE 9 **Rad**. As can be seen in [Figure [8](#fig8){ref-type="fig"}](#fig8){ref-type="fig"}a, a very low hump indicating the second yield can also be recognized in the curves of HDPE 06 (similar in both **Ax**- and **Rad**-samples).

The presence of the second yield can be visualized better when plotting the stress--strain data in coordinates that follow from the neo-Hookean solid deformed under the plane-strain conditions (Gaussian equation)^[@ref63],[@ref64]^where σ is the true stress in the direction of loading, *Y* is the plastic flow stress of the crystalline phase, *G*~n~ is the strain-hardening modulus, and λ is the compression ratio. Such a presentation follows from the approximation of the plastic response of the crystalline phase and from the amorphous material with a network of Gaussian chains subjected to deformation. The Gaussian approximation of chains holds at relatively low strains, roughly up to λ ≈ 2.^[@ref64]^[Equation [9](#eq9){ref-type="disp-formula"}](#eq9){ref-type="disp-formula"} implies a linear increase of stress with increasing deformation (expressed by λ^2^ -- 1/λ^2^) due to network stretching. [Figure [9](#fig9){ref-type="fig"}](#fig9){ref-type="fig"}a presents the true stress data of samples compressed in a channel die along D.A. replotted from [Figure [8](#fig8){ref-type="fig"}](#fig8){ref-type="fig"} versus λ^2^ -- 1/λ^2^. In the range of (λ^2^ -- 1/λ^2^) \< 3, the stress--strain curves can be approximated with three straight line segments: first representing the Hookean range and two others illustrating the postyield and strain hardening. The bulge on the slope observed at the end of the postyield range is a local maximum on the true stress--true strain curves and can be interpreted as a mark of the second yield. The strain hardening observed beyond the second yield is related mainly to the response of the molecular network. It is clearly seen in [Figure [9](#fig9){ref-type="fig"}](#fig9){ref-type="fig"}a that all **Ax**-samples (HDPE, UHMWPE) exhibit double yielding. The second yield is indicated for each sample in [Figure [9](#fig9){ref-type="fig"}](#fig9){ref-type="fig"}a with arrows. A similar plot constructed for **Rad**-samples compressed along D.R. is shown in [Figure [9](#fig9){ref-type="fig"}](#fig9){ref-type="fig"}b. The curves representing UHMWPE 5 **Rad** and UHMWPE 9 **Rad** do not show double yielding, while in the curve constructed for the HDPE 6 **Rad** sample, a second yield point can be poorly recognized. The values of stresses and strains related to the main and the second yield, determined from the true stress versus λ^2^ -- 1/λ^2^, are listed in [Table [2](#tbl2){ref-type="other"}](#tbl2){ref-type="other"}.

![True stress plotted as a function of λ^2^ -- 1/λ^2^ for **Ax**-samples loaded along D.A. (a) and **Rad**-samples loaded along D.R. (b). Arrows indicate the second yield point. Insets show the same curves in the full range of deformation.](ma9b02154_0013){#fig9}

###### True Stress and True Strain Determined for the First and Second Yield Point for **Ax**- and **Rad**-Samples Compressed along the Direction of Compression Molding (D.A.) or Perpendicular to It (D.R.)[a](#t2fn1){ref-type="table-fn"}

  sample                                                                                            σ~y1~ (MPa)   *e*~y1~   σ~y2~ (MPa)   *e*~y2~
  ------------------------------------------------------------------------------------------------- ------------- --------- ------------- ---------
  **Ax**-Samples, Compressed along the Direction of Compression Molding (D.A.)                                                            
  HDPE 06                                                                                           34.2          0.046     44.0          0.24
  UHMWPE 5                                                                                          25.5          0.048     41.8          0.31
  UHMWPE 9                                                                                          24.6          0.042     42.2          0.34
  **Rad**-Samples, Compressed Perpendicularly to the Direction of Compression Molding, along D.R.                                         
  HDPE 06                                                                                           29.4          0.042     43.5          ∼0.28
  UHMWPE 5                                                                                          27.1          0.050                    
  UHMWPE 9                                                                                          22.9          0.042                    

The first yield point was estimated with 2% offset, the second yield from the crossover point in σ versus λ^2^ -- 1/λ^2^ curves ([Figure [9](#fig9){ref-type="fig"}](#fig9){ref-type="fig"}).

It is well known that the main (first) yield point is associated with the initiation of plastic deformation of polymer crystalline lamellae, primarily by crystallographic slips, for example.^[@ref65],[@ref66]^ It was also found that thicker crystals require higher stress to activate slip.^[@ref34],[@ref35],[@ref67]^ As it can be seen from [Table [2](#tbl2){ref-type="other"}](#tbl2){ref-type="other"}, the yield stress of HDPE is higher than the yield stress of UHMWPEs. It is caused precisely by significantly thicker lamellae of HDPE than those of UHMWPEs (*cf.*[Table [1](#tbl1){ref-type="other"}](#tbl1){ref-type="other"}).

In most cases, the second yield is observed in an engineering stress--strain curve as a broad hump or a shoulder occurring at strain above the main yield point^[@ref56]−[@ref61]^ or as a clear change of the slope in a true stress--true strain curve.^[@ref62]^ Apparently, there is no common simple cause of the phenomenon of the second yield as it occurs at various deformation modes and depends on various parameters.

Below, we list the proposed explanations of double yielding:(1)In 1995, when the crystallographic slip mechanisms were yet not obvious for yielding, the double yielding was explained as a two-step "mechanical melting".^[@ref68]^(2)Second yield associated with neck development,^[@ref60]^(3)Dependent on crystallinity and appears at a lower stretching rate,^[@ref59]^(4)First yield occurs at low strain and marks the onset of temporary plastic deformation, the second yield occurs at higher strains, marks the onset of permanent plastic deformation, and is associated with the development of a neck in tension and is attributed to the smaller size and the narrower distribution of the crystallites,^[@ref58]^(5)Double yielding occurs regardless of the crystallinity level, chain folding may play a primary role,^[@ref57]^(6)Second yield is less pronounced for higher crystallinity and is not only associated with crystalline regions,^[@ref61]^(7)Second yield is attributed to the activation of a so-called "coarse" chain slip of lamellar crystals.^[@ref62],[@ref69]−[@ref73]^ However, it was demonstrated by others^[@ref39],[@ref74]^ that the block slip leading to fragmentation and destruction of lamellae sets in at much higher strains, above *e* = 1.0.(8)Second yield can be a signature of the activation of the transverse slip (showing higher critical stress than the chain slip, activated in primary yield).^[@ref25],[@ref75]^

Lamellae in both nondeformed UHMWPE samples demonstrate the preferred orientation parallel to the D.A. It is clearly shown by the SAXS and SEM data presented in [Figures [6](#fig6){ref-type="fig"}](#fig6){ref-type="fig"} and [7](#fig7){ref-type="fig"}. Such much less-pronounced orientation of lamellae exists in the HDPE 6 sample. Based on these observations, we suggest that the second yield observed in compression of the samples along the D.A. is connected with distinct orientation of lamellae along that axis and is associated with the deformation instability involving microbuckling of lamellae. Such an orientation parallel to the compression direction may lead to cooperative folding or angular kinking of those lamellae. Kinking and formation of a chevron-like lamellar morphology was observed in deformed polyethylene^[@ref44],[@ref76],[@ref77]^ as well as in other semicrystalline polymers, like iPP, POM, or iPS,^[@ref78]−[@ref80]^ deformed either in compression or tension. At that time, however, it was not associated with double yielding. Recently,^[@ref81],[@ref82]^ we demonstrated that for lamellae arranged in stacks (HDPE and cross-linked HDPE), the second yield phenomenon can be directly related to the microbuckling instability. This instability, leading to cooperative kinking of the stacked lamellae, facilitated the initiation of further deformation. Prior to kinking, the lamellae could not deform more by the crystallographic slip because of very low-resolved shear stress in the plane and direction of a potential slip. A significant change of orientation within kinks results in increasing shear stress in the slip planes, and consequently in crystallographic slips in the kinked lamellae. The rapid extension of slip activity to a new fraction of lamellae showed up macroscopically as the second yield point.

Buckling instability is a general phenomenon observed in systems consisting alternating hard and soft layers on very different length scales, ranging from nanometers (liquid crystals, polymers) to kilometers (geological structures).^[@ref83],[@ref84]^ It originates from very different stiffness of the hard- and soft-stacked parallel layers and a strong coupling between them. It allows the system to deform in a way that minimizes energy---the change in free energy associated with buckling of hard layers turns out to be lower than the dilatation of highly constrained soft layers.^[@ref83]^ Our studies demonstrated that the lamellae microbuckling observed at relatively low deformation is controlled by the stiffness ratio of amorphous and crystalline layers, which is consistent with theoretical models and results obtained for other layered materials.^[@ref81],[@ref82]^

The above considerations were based on the observation and assumption that the lamellae are parallel and packed in stacks. However, the UHMWPE crystalline structure is characterized by nonparallel arrangement of lamellae (see [Figure [7](#fig7){ref-type="fig"}](#fig7){ref-type="fig"}a,b and the discussion that follows). In addition, the lamellae of UHMWPE are not long and wide, unlike lamellae of HDPE, having sizes in these dimensions no more than 0.3--0.7 μm.

In order to confirm the occurrence of microbuckling and kinking during deformation and the correlation with the second yield point, the 2D-SAXS and microscopic observations were carried out for the UHMWPE 05 deformed samples. [Figure [10](#fig10){ref-type="fig"}](#fig10){ref-type="fig"} presents the 2D-SAXS patterns collected for the UHMWPE 5 **Ax** (showing double yield) and UHMWPE 5 **Rad** (no double yield observed) samples compressed to various true strains in the range of *e* = 0.2--1.6. If microbuckling takes place during deformation, it should manifest stronger in **Ax**-samples than in **Rad**-samples because of a larger number of lamellae oriented along the loading direction (lamellae are oriented preferentially parallel to LD in the **Ax**-samples, while are oriented randomly with respect to LD in the **Rad**-sample, *cf.*[Figures [6](#fig6){ref-type="fig"}](#fig6){ref-type="fig"} and [7](#fig7){ref-type="fig"}). [Figure [10](#fig10){ref-type="fig"}](#fig10){ref-type="fig"} shows that the SAXS patterns of the **Ax**-sample with lamellae oriented along the compression direction exhibit an abrupt and significant reorientation of lamellae, reflected in the four-point SAXS pattern at around *e* = 0.4. Such a behavior is a direct consequence of lamellae buckling and subsequent formation of kinks. Once the four-point pattern develops, it evolves with a further increase in strain in a similar fashion in both **Ax**- and **Rad** samples. The developed four-point pattern maxima indicate a decreasing fraction of lamellae oriented parallel to the loading direction and increasing number of lamellae in inclined orientation. Such abrupt generation of inclined lamellae is not observed for the **Rad**-sample during compression at *e* = 0.4.

![SAXS patterns recorded for the UHMWPE 5 sample compressed in a channel die to true strains indicated. Samples for deformation were machined from the compression-molded cylinder in the way to compress them along the cylinder axis (**Ax**-samples, patterns shown in the left row) or the cylinder radius (**Rad**-samples, patterns shown in the right row) as illustrated in the top of the graph. Samples deformed to a specified strain were examined with SAXS after unloading, in the relaxed state.](ma9b02154_0002){#fig10}

Usually, a characteristic parameter, an "LP" can be determined from the SAXS patterns. In the view of the results presented in [Figure [7](#fig7){ref-type="fig"}](#fig7){ref-type="fig"}a,b and the discussion that follows, such an "LP" would not necessarily have the same meaning as for other polymers exhibiting regular stacking of wide and long lamellae. However, we used it here as another indication of microbuckling. [Figure [11](#fig11){ref-type="fig"}](#fig11){ref-type="fig"} evidences the increase of the "LP" in the FD direction ([Figure [11](#fig11){ref-type="fig"}](#fig11){ref-type="fig"}), that is, for lamellae oriented along LD that are predisposed to buckling in channel die compression. At low strains, *e* \< 0.4, this LP increases markedly in both **Ax**- and **Rad**-samples, which indicates the lamellae separation mechanism, while above *e* = 0.4, it stabilizes at almost constant value while the deformation increases. The "LP" observed in other directions (illustrated in [Figure [11](#fig11){ref-type="fig"}](#fig11){ref-type="fig"} by LP measured along LD) changes very little with strain. Such a behavior is consistent with postulated microbuckling of lamellae oriented parallel to LD, followed by the formation of kinks, all occurring between *e* = 0.3 and *e* = 0.4. The critical strain *e* ≈ 0.4 is close to the strain at the second yield determined from the stress--strain curves, *e*~y2~ = 0.31.

![Intensity of scattering observed along FD in **Ax**- and **Rad**-UHMWPE-5 samples (solid lines) and "LP" along FD and LD in the same samples (dashed lines), derived from 2D-SAXS patterns of [Figure [10](#fig10){ref-type="fig"}](#fig10){ref-type="fig"}.](ma9b02154_0003){#fig11}

Microscopic observations of the deformed samples with SEM give further evidence of kinking. [Figure [12](#fig12){ref-type="fig"}](#fig12){ref-type="fig"} shows SEM micrographs of the samples deformed to *e* = 0.5 and *e* = 0.8 observed in the LD-FD plane. In both **Ax**- and **Rad**-samples, the lamellae kinks can be recognized, which are marked with circles. In addition, the length (and width) of lamellae visible on cross-sections for *e* = 0.5 are roughly half of those visible on micrographs in the first column of undeformed materials (also in [Figure [7](#fig7){ref-type="fig"}](#fig7){ref-type="fig"}a,b) indicating the extensive kinking. For the samples deformed to *e* = 0.8, the length of lamellae is even less than half of undeformed lamellae.

![SEM micrographs of the LD-FD plane of the UHMWPE 5-**Ax** sample (upper row) and the UHMWPE 5-**Rad** sample (bottom row), undeformed (left column) and deformed to *e* = 0.5 (center column) and to *e* = 0.8 (right column). The observation plane was exposed by microtoming followed by permanganic etching. Exemplary lamellar kinks are highlighted by bright circles.](ma9b02154_0004){#fig12}

Kinking causes a quick and dramatic change of orientation of fragments of lamellae and a partial collapse of a rigid skeleton formed by lamellae. In addition, lamellae are likely to break at sharp tips of advanced kink hinges, which contributes to a very limited lamella fragmentation. In SEM images of [Figure [12](#fig12){ref-type="fig"}](#fig12){ref-type="fig"}, it is well seen that the lamellae are shattered. Fragmentation of lamellae could also be emphasized on SEM images from [Figure [12](#fig12){ref-type="fig"}](#fig12){ref-type="fig"} by slight over etching with the permanganic etchant. This quick and rapid change of orientation is very important for further deformation.

The experimental evidence provided by SAXS and SEM fully supports the hypothesis that the second yield is associated with microbuckling instability, resulting in the formation of lamella kinks and significant reorientation of these lamellae. All these experimental data indicate that arrangement of lamellae into stacks is not necessary for microbuckling. Sufficient is the arrangement into small embryonal spherulites with radiating short lamellae that do not show secondary nucleation. In UHMWPE, the second yield is better marked on the stress--strain curves of **Ax**- than **Rad**-samples, because the fraction of lamella stacks oriented favorably for buckling is clearly higher in the **Ax**-than in the **Rad**-samples because of the preferred orientation. For the HDPE 06 material, the preferred lamellar orientation is nearly absent, therefore, both the **Ax**- and **Rad**-samples show a similar mechanical response including limited microbuckling, which is manifested as similar low humps of the second yield in the stress--strain curves.

As mentioned earlier in this section, the studied samples differ also in the strain-hardening behavior---a systematic increase of the slope of the curve in the strain-hardening region and the shift of the onset of strain hardening toward lower strains with increasing molecular weight of the polymer are observed---*cf.*[Figure [8](#fig8){ref-type="fig"}](#fig8){ref-type="fig"}. There is also a slight difference between the **Ax**- and **Rad**-samples of both UHMWPE 5 and 9 at the final stage of strain hardening. The strain hardening is controlled primarily by the properties of the molecular network of entangled chains in the amorphous phase, including the density of entanglements, and its response to strain.^[@ref85],[@ref86]^ Accordingly, the network density can be estimated from the stress--strain data through comparison of the experimental stress--strain data with the results of model calculations. Long time ago, Haward and Thackray^[@ref85]^ suggested that the deformation of a polymer can be modeled using a simple constitutive model derived from the theory of rubber elasticity, even if employed in the simplest Gaussian form. They hypothesized that strain hardening originates from stretching of the molecular entanglement network, which is represented in the model by the nonlinear spring element. Strain hardening is then represented by the single strain-hardening coefficient *G*~n~. Models based on Haward's hypothesis were successfully applied to model the stress--strain behavior of several amorphous or semicrystalline polymers,^[@ref23],[@ref64],[@ref85]−[@ref88]^ therefore, we decided to use this concept to model experimental curves here. For the purpose of this work, the previously developed model,^[@ref64]^ using non-Gaussian chain statistics and the 8-chain model of Arruda and Boyce,^[@ref89]^ was used. Because the primary interest was in the response of the molecular network, several simplifying assumptions were done, including the reduction of the viscoplastic response to purely plastic, neglecting the dependence on the strain rate and temperature as well as phenomenon of molecular relaxation.^[@ref64]^ These simplifications lead to some systematic overestimation of the network density.^[@ref90]^ To account these effects and obtain more precise estimation of the network, the viscous contribution to the stress should be subtracted from the stress^[@ref41],[@ref90]^ and/or more sophisticated models should be applied.^[@ref91]^ The model equation used here for the stress in the direction of loading (plane-strain compression) was defined earlier in refs ([@ref42]) and ([@ref64]) and has the formwhere *Y* is the plastic flow stress and *N*~e~ is the effective molecular network cross-link density, *n* is the average number of "rigid links" between these cross-links providing limiting extensibility of a chain (λ~max~ = *n*^1/2^), and λ~chain~ is the stretch on each chain in the 8-chain cell representing a network; for the plane-strain compression λ~chain~ = (1/3 (λ^2^ + 1 + 1/λ^2^))^1/2^, where λ = *h*~o~/*h* is the compression ratio. The quantity *N*~e~*kT* is equivalent to the strain-hardening modulus of the network, *G*~n~. denotes the inverse Langevin function (; where *x* = λ~chain~/*n*^1/2^). Note that for large values of *n*, [eq [10](#eq10){ref-type="disp-formula"}](#eq10){ref-type="disp-formula"} reduces to the Gaussian [eq [9](#eq9){ref-type="disp-formula"}](#eq9){ref-type="disp-formula"}.

[Equation [10](#eq10){ref-type="disp-formula"}](#eq10){ref-type="disp-formula"} was used to fit the experimental true stress--true strain curves shown in [Figure [8](#fig8){ref-type="fig"}](#fig8){ref-type="fig"}. They were fitted in the strain-hardening range of *e* = 0.35--1.4 (i.e., above the second yield, which was observed at *e* = 0.24--0.34). The parameters of the fit were a flow stress *Y*, the effective cross-link density *N*~e~, and the number of rigid links between entanglements n. In addition, fitting with the Gaussian model given by [eq [9](#eq9){ref-type="disp-formula"}](#eq9){ref-type="disp-formula"} was performed in the range of low strain, where Gaussian chain statistics can be applied. In [Figure [13](#fig13){ref-type="fig"}](#fig13){ref-type="fig"}, the obtained non-Gaussian fits are compared with experimental curves of the **Ax**-samples. Very good agreement can be observed in a wide range of strain, up to *e* ≈ 1.3 (λ ≈ 3.7). For higher strains, the experimental curves show a lower slope than these calculated, which can be related to viscous and relaxation phenomena neglected in the model as well as to partial destruction of the network.^[@ref90]^ Very similar results were obtained also for **Rad**-samples, with only a slightly higher deviation observed at the highest strains.

![True stress--true strain curves obtained in plane-strain compression with the constant true compression rate of 6%/min at room temperature, compression along the cylinder axis. Dotted curves represent 8-chain fitting as described above.](ma9b02154_0005){#fig13}

The results obtained from the best fits of experimental curves using Gaussian and non-Gaussian modeling, carried out in the range of *e* = 0.35--0.7 and 0.35--1.4, respectively, are presented in [Table [3](#tbl3){ref-type="other"}](#tbl3){ref-type="other"}. It can be seen that fitting the stress--strain curve in the range of early strain hardening using a simple Gaussian model results in values of the strain-hardening modulus similar to those obtained using the non-Gaussian model applied in a much wider strain range. The effective network density *N*~e~, calculated from the strain-hardening modulus and related to concentration of entanglements in the amorphous phase, increases, while the limiting stretch of the network λ~max~ decreases with increasing molecular weight of the polymer. Although the obtained values can be slightly overestimated due to model simplicity, they still seem to be reasonable when compared with the entanglement density reported for polyethylene melt *N*~e~ ≈ 4.2 × 10^--26^ m^--3^.^[@ref64]^ The entanglement density in the solidified sample of PE of a high molecular weight, as those studied here, must be higher than that in the molten material because not all of the preexisting entanglements created by the very long chains were resolved upon crystallization and many of them were only swept into interlamellar amorphous layers, contributing then to the enhanced entanglement density. Therefore, the increase of *N*~e~ with molecular weight can be expected. As it turned out, this increase influences not only the drawability (through a reduced stretch limit of the network λ~max~) and strain-hardening behavior but also the stability of deformation at low strains---the buckling instability resulting in the second yield point.

###### Parameters Derived from Fitting the Experimental Curves with Gaussian and Non-Gaussian/8-Chain Models: the Yield Stress *Y*, Strain-Hardening Modulus *G*~n~, Network Stretch Limit λ~Max~, and the Effective Cross-Link Density, *N*~e~

             Gaussian model ([eq [9](#eq9){ref-type="disp-formula"}](#eq9){ref-type="disp-formula"})[a](#t3fn1){ref-type="table-fn"}   non-Gaussian/8-chain model ([eq [10](#eq10){ref-type="disp-formula"}](#eq10){ref-type="disp-formula"})[b](#t3fn2){ref-type="table-fn"}                        
  ---------- ------------------------------------------------------------------------------------------------------------------------- ---------------------------------------------------------------------------------------------------------------------------------------- ------ ------ ------ ------
  HDPE 6     41.4                                                                                                                      2.17                                                                                                                                     39.0   2.98   2.68   6.5
  UHMWPE 5   36.8                                                                                                                      4.43                                                                                                                                     34.3   2.84   4.45   10.8
  UHMWPE 9   34.3                                                                                                                      6.00                                                                                                                                     31.7   2.58   5.41   13.1

Fitting range: *e* = 0.35--0.72, (λ^2^ -- 1/λ^2^ = 1.5 -- 4).

Fitting range: *e* = 0.35--1.40, (λ^2^ -- 1/λ^2^ = 1.5 -- 16).

4. Conclusions {#sec4}
==============

Melting of HDPE and melting of UHMWPEs are significantly different, which result in different thickness distributions of lamellar crystals: HDPE exhibits a significant fraction of crystals thicker than 23 nm. At the same time, fractions of crystals thinner than 23 nm are very similar for all polyethylenes studied. It appears that the heat flow signal in DSC during a constant heating rate is very low for melting of the same amount of small crystals, while it is high for large crystals (could exceed tens of times). This is the reason that small crystals are often escaping the detection in routine DSC examination because the heat flux for melting of small crystals could be at the noise level.

Mean crystal thickness determined from the thickness distribution of lamellar crystals fits better to the amorphous layer thickness than the crystal thickness determined from the peak melting temperature.

Microscopic examination of UHMWPE showed that the lamellae are in the form of platelets with the width and length in the range of 300--700 nm, lamellae are only a few times (from 3 to 7 times) wider and longer than their mean thickness. Lamellae radiate from primary nuclei forming a kind of embryonal spherulite, that is, there is a nucleation of a few lamellae and their radial growth that ends at 0.3--0.7 μm from the center. The most striking observation is that there is no evidence of branching and secondary nucleation from these primary lamellae. Because the lamellae are radially ordered, there is no parallel stacking of lamellae.

Double yield was observed in polyethylene samples deformed by compression along the D.A. of the compression-molded material, while it was not observed in the samples compressed along the D.R. direction, which is related to the specific preferred orientation of lamellae parallel to the D.A. (i.e., the direction of the compression molding). The second yield was associated with deformation instability involving microbuckling and subsequent kinking of lamellae. The kinking occurs in lamellae, which are oriented initially along the compression direction; therefore, it is more intense when the sample is compressed along D.A. than along D.R. Similar buckling and cooperative kinking of lamellae were observed also in other crystalline polymers deformed either in compression or in tension, however, when lamellae were arranged parallel in stacks. Microbuckling and kinking result in a rapid and dramatic reorientation of lamellae and facilitate their further deformation by relatively easy crystallographic slip. SAXS examination indicated that beyond the kinking stage, further plastic deformation takes place with crystallographic slip of the reoriented kink arms without any significant lamellae fragmentation, except in sharp kink tips, up to the strain of *e* ≈ 1, indicating the coherence of lamellae. The crystallographic slip is the main deformation mechanism in all lamellae inclined with respect to the compression direction, either already oriented that way or reoriented in kinks.

Because the lamellae in UHMWPE are not arranged parallel in stacks, we did not observe microbuckling, but rather kinking of separate lamellae. Hence, the strain at the second yield should depend on the stiffness of the amorphous and crystalline layers *k*~a~/*k*~c~. However, not as straightforward as in HDPE with stacks of lamellae. Therefore, microbuckling is initiated in the HDPE material, while in the UHMWPE material, the lamellae are kinked separately, not as an assembly.
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